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Semi-crystalline polymers play an enormously important role in materials science, engineering, and
nature. Two thirds of all synthetic polymers have the ability to crystallize which allows for the extensive
use of these materials in a variety of applications as molded parts, films, or fibers. Here, we present a
study on the applicability of benchtop H NMR relaxometry to obtain information on the bulk crystal-
linity and crystallization kinetics of the most relevant synthetic semi-crystalline polymers. In the first
part, we investigated the temperature-dependent relaxation behavior and identified T= Ty + 100 K as the
minimum relative temperature difference with respect to Ty for which the mobility contrast between
crystalline and amorphous protons is sufficient for an unambiguous determination of polymer crystal-
linity. The obtained bulk crystallinities from "H NMR were compared to results from DSC and XRD, and all
three methods showed relatively good agreement for all polymers. In the second part, we focused on the
determination of the crystallization kinetics, i.e., monitoring of isothermal crystallization, which required
a robust design of the pulse sequence, precise temperature calibration, and careful data analysis. We
found the combination of a magic sandwich echo (MSE) with a short acquisition time followed by a Carr-
Purcell-Meiboom-Gill (CPMG) echo train with short pulse timings to be the most suitable for monitoring
crystallization. This study demonstrates the application of benchtop "H NMR relaxometry to investigate
the bulk crystallinity and crystallization kinetics of polymers, which can lead to its optimal use as an in-
situ technique in research, quality control, and processing labs.

© 2018 Elsevier Ltd. All rights reserved.
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1. Introduction chemical robustness [1—3]. Furthermore, advantageous optical,

electrical, or separation functionalities are oftentimes a direct

Since the very beginning of macromolecular science, semi-
crystalline polymers such as polyamides, polyesters, and later
polyolefins have fascinated generations of scientists because their
hierarchical structure spans multiple length scales leading to
outstanding toughness, tensile strength, impact resistance, and
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consequence of the underlying order and crystallinity in materials
such as conjugated polymers, dielectrics, or membranes, respec-
tively [4—6]. Controlling the semi-crystalline structure on the level
of the nano-, meso-, and macro-scale is the key to achieving the
desired final material properties of injection-molded parts, films, or
fibers [7]. In contrast to low molecular weight substances, the
crystalline structure and habit of polymers are determined not only
by the molecular structure, but also by the actual crystallization
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conditions [8—10]. Overall, the bulk crystallinity is most affected by
these factors as it is sensitive to the molecular weight distribution,
chain topology, stereo- and regio-regularity, additives, thermal
history, applied pressure, and flow conditions during processing
[11,12]. In terms of thermodynamics, the bulk crystallinity of
polymers is a process rather than a state function since it is very
much path-dependent. Therefore, the kinetics of polymer crystal-
lization are of high interest as a way to understand and control the
pathways leading to kinetically trapped states of the material.
Polymer crystallization kinetics are comprised of the inherent
polymer nucleation and growth rates, which together with the
processing conditions (applied flow, temperature, pressure) and
selected additives (nucleating agents, fillers, pigments), lead to
systems of remarkable complexity [13,14]. The list of established
characterization methods that provide information on the structure
of semi-crystalline polymers, bulk crystallinity, and crystallization
kinetics includes optical and electron microscopy [15], X-ray
diffraction (XRD) [16], small and wide angle X-ray scattering (SAXS,
WAXS) [17], infrared and Raman spectroscopy [18], differential
scanning calorimetry (DSC) [19,20], dilatometry [21], and light
scattering [22] to name the most prominent ones. However, most
techniques require specific sample dimensions, a special pre-
treatment, and do not readily offer online measurement capabil-
ities. The last point is essential as it enables continuous monitoring
of polymer crystallization under process-like conditions. Low-field
NMR (nuclear magnetic resonance) brings unique advantages as it
combines the benefits of a non-destructive characterization
method, the versatility of NMR with the potential for in-situ ex-
periments of low complexity at affordable prices for a quality or
processing lab [23—25]. Further development in the areas of single-
sided NMR [26] and hyphenated set-ups [27—29] opened up the
field for new possibilities in evaluating multi-phase compositions,
chemical reactions, and processes.

A frequently exploited feature that allows for a distinction be-
tween multiple phases in 'H NMR is a contrast in molecular
mobility, which leads to different linewidths in a spectrum and
different relaxation times in a free induction decay (FID). Analyzing
decay curves is commonly referred to as NMR relaxometry, a sub-
group of NMR experiments in the time domain (TD-NMR). Many
materials with mobility contrast have been studied by 'H NMR
relaxometry in the past, e.g., fats [30,31], carbohydrates [32], rub-
bers [33,34], composites [35,36], and also semi-crystalline poly-
mers [37—43]. For food-grade oils and fats these studies have led to
industrial standards for the determination of the solid fat content
(SFC), which is frequently used for quality control [44,45]. When
examining the structurally more complex semi-crystalline poly-
mers, most studies were conducted at high fields with a focus on
the decomposition of the FID into multiple components, which is
possible due to the high By homogeneities and short NMR probe
dead times (<5 ps) [46—51]. However, transverse relaxation of very
rigid components is generally so fast that pulse sequences based on
solid [52,53] and magic echoes [54—56] are needed to reconstruct
the FID in order to obtain information on the initial relaxation
behavior of strongly homonuclear dipolar coupled 'H spin systems.
The transition to lower fields leads to inherently lower sensitivity
and is usually accompanied by lower By homogeneity. A concise
quantitative study on the low-field 'H NMR relaxometry of the
most commercially relevant semi-crystalline polymers especially
with regard to their absolute crystallinity and crystallization ki-
netics has not yet been published to our knowledge. In addition, a
detailed comparison with other established methods such as DSC
and XRD helps to validate the applicability of low-field '"H NMR to
the study of polymer crystallization. The mobility of polymers is
generally temperature-dependent as molecular motion in different
domains such as amorphous or crystalline is strongly influenced by

the difference between the actual sample temperature and the
glass transition temperature Tg. Thus, in the first part of this paper
we investigate the temperature-dependent NMR relaxation
behavior and identify a minimum relative temperature difference
with respect to Tg for which the mobility contrast between crys-
talline and amorphous protons is sufficient for a determination of
the polymer crystallinity. 'H NMR relaxometry results are
compared to DSC and XRD results which are based on thermody-
namic and structural quantities and are therefore likely to show a
certain variation in the discrimination between the crystalline and
amorphous fractions. The question is addressed whether low-field
TH NMR relaxometry can be regarded as an absolute method for the
determination of the degree of crystallinity X, or if polymer-specific
calibrations are necessary. In the second part, our focus lies on the
determination of crystallization kinetics, i.e., monitoring the
buildup of crystallinity X(fexp) during isothermal crystallization.
The selection of experimental conditions and data analysis is dis-
cussed in detail to serve as a practical aid for other researchers in
the field who may in the future consider the use of low-field 'H
NMR relaxometry for the measurement of polymer crystallinity and
crystallization kinetics.

2. Theoretical basis
2.1. The static limit of homonuclear dipolar coupling

Strong broadening of magnetic resonance lines in the regular
crystal lattices of small molecules and polymers was discovered
early on by NMR scientists [57—59]. The origin of this effect lies in
the dipolar coupling between NMR-active nuclei that are kept at a
fixed distance r and are oriented with respect to the static magnetic
field Bp in the absence of molecular motion. In a quantum me-
chanical approach, the dipolar interaction between two nuclei is
represented by a Hamilton operator with the corresponding
coupling angular frequency Aw(r,8):

~1I h 1 o~ = =

Hp = —%i(kosze—l) 3lip0a — I - I (1.1)

Aw(r,0) = M1(3cosze—1) (12)
’ 43 2

r: distance between two nuclei, v: magnetogyric ratios (for ho-
monuclear dipolar couplin&: Y1 = 72), po: magnetic permeability, 7 :
reduced Planck constant, I : spin operators, I: z spin components,
0: angle between the spin pair vector and the static magnetic field
Bo.

The cubic dependence on the distance between two nuclei
causes a rapid decrease in Aw for larger values of r and is the reason
for the local nature of dipolar interaction (for proton-proton
coupling and r in units of A: Aw/2m =122 kHz/r?) [60]. Integra-
tion over all angles @ leads to the Pake pattern commonly found for
strongly coupled isolated spin pairs in solid-state NMR [61]. Hence,
a line splitting is observed depending on the orientation of an
isolated spin pair in the static magnetic field By (inhomogeneous
broadening) [62]. In contrast to the regular crystal lattices of small
molecules, polymers are highly complex multi-spin systems (folded
chains in unit cells, helical structures, etc.) where multibody in-
teractions between nearby protons that differ in distance and
orientation are present leading to distributions in the dipolar
couplings. Even though a rigorous treatment is challenging, one can
approximate the interactions using only the nearest neighbors due
to the local nature of dipolar coupling assuming that the structures
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are frozen in a certain conformation. This simplification is appli-
cable to polymers below their T; and, to a good approximation, to
crystalline domains above T;. For most synthetic polymers, the
shortest proton-proton distances are encountered in methylene
and methyl groups (r= 1.8A) leading to static couplings of
~21kHz. The next neighbors in an alkyl chain are ~2.5A apart
corresponding to a ~7.5kHz coupling. The Gaussian-broadened
sinc-function first suggested by Abragam sufficiently describes
the static coupling of spin pairs in the time-domain [63—65]:
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A =30

A(t,i) = Z fi (2.2)

0=3/2 x Aw/2m: homonuclear Pake anisotropy parameter [60],
T>abr: transverse relaxation time, fi: weighting factor, t: time.

In Fig. 1, calculated decays based on Equation (2.1) are shown for
different values of Aw/21, which are characteristic for an alkyl chain
in the absence of molecular motion (a simple model for linear
polyethylene below Tg). For more complex structures, decomposi-
tion of the measured A(t) into an unknown number of weighted
summation terms can be challenging (Equation (2.2)). However, an
approximation including only the most dominant interactions and
an average Gaussian component is often sufficient to achieve a
good representation of the experimental data.

2.2. Molecular dynamics and NMR relaxation

Molecular motion within a polymer becomes more prominent
as the temperature is increased, thereby necessitating a theory that
incorporates molecular motion into the treatment of dipolar
coupling. The stochastic nature of molecular motion leads to an
incoherent and therefore irreversible NMR relaxation behavior,
which is different from the coherent interaction in the static case of
dipolar coupling (dipolar dephasing). A frequently employed the-
ory of NMR relaxation is the BPP model (after Bloembergen, Purcell,
Pound) [66] in which time-dependent dipolar coupling fluctuations
induced by molecular motion are modeled by the spectral density
J(w,7c), a Fourier transform of the fluctuating field memory func-
tion. The experimentally observed transverse relaxation rate 1/T; is
connected to the spectral density J(w,7c) by Ref. [67]:
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Fig. 1. Calculated decays using a single Gaussian-broadened sinc-function (Abragam
model: Equation (2.1)) for various individual spin pair coupling frequencies Aw/2m and
corresponding proton-proton distances ryy (Gaussian broadening: Toapy = 30 ps).
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r: internuclear distance, y: magnetogyric ratio, pg: magnetic
permeability, 7 : red. Planck const., 7: spin quantum number ('H: 1/
2), J(Aw,7¢): spectral density, Aw: coupling frequency for T — 0
(=10—20kHz, secular approx.: Aw = 0) [68,69], 7¢: correlation
time, wi: Larmor frequency.

This concept is strictly applicable only in the motional averaging
limit where the time scale 7. of the motion-induced fluctuating
fields is fast compared to the static coupling frequency Aw/27 (AwT
< 1). For polymers, this condition is only fulfilled at temperatures
far above T, Furthermore, residual dipolar couplings due to
anisotropic chain motions might affect the relaxation behavior and
lead to intrinsically non-exponential decays, which is not taken into
account by the BPP model. For protons with reduced mobility, the
BPP model approach for transverse relaxation does not hold and a
moment-expansion for the NMR line shape (Anderson-Weiss
ansatz [67,70]) gives a better description of the transverse relaxa-
tion behavior. Based on the central-limit theorem, the sum of an
infinitely large number of random but limited interaction reservoirs
is expected to be Gaussian which leads to a Gaussian distribution of
the coupling frequencies Aw. For the rigid lattice limit, the time
evolution of A(t) is modeled by:

A(t) <exp —%<Q2>t2} (4)

<Qz> : second moment of the resonance line shape (in w),

<Q2>/2 ~1/T>.

At temperatures far above T, protons in the center of a polymer
crystal are usually rigid with <7 rigia> = 1073 s, whereas interfacial
protons have an intermediate mobility with <7¢intermediate> =
10~%s, and amorphous ones are mobile with <Tcmobile> = 10 6s
(exceptions are polymers with pronounced mobility in crystalline
domains such as helical flips [60]). As there are rather smooth
transitions between phases with different mobilities, choices have
to be made with respect to the assignment, i.e.,, when to call a
proton “crystalline”, “interfacial”, or “amorphous” (Fig. 2). This
ambiguity can lead to varying results and is one reason for the
differences in absolute crystallinity compared to other methods
such as DSC, XRD, or microscopy. Each technique measures
different physical quantities (heat of fusion, unit cell order, bire-
fringence, etc.) and therefore differences in the crystallinity X. are
also a consequence of the different sensitivity and selectivity to-
wards the crystalline fraction in those techniques.

2.3. Modeling of the transverse magnetization decay and the rigid
fraction x(T)

The selection of a model that accurately describes the transition
from static dipolar coupling behavior to relaxation in the rigid
lattice limit, and finally to the motional averaging limit is a chal-
lenge, especially as static couplings are specific for each polymer.
We chose a generalized approach that features a combination of an
Abragamian and a Gaussian function to model rigid protons, a
Weibullian for intermediately mobile protons (n=1.5), and a
mono-exponential for mobile protons (= AGWE model) for the
magnetization decay A(t):
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Fig. 2. SEM images of a quiescently crystallized i-PP and schematic lamellar sub-structure with assigned regions of different molecular mobility (recently, Fritzsching et al. [71]
showed that chain-folded lamellae display a certain chain tilt to avoid density anomalies). As transitions between the different phases are relatively smooth, choices have to be

made with respect to the assignment.

A(t) =AAbr{Sinz(;§t6t) X exp [ - (Tzib)z} }
el 2]} ol 5 )
+Aexp{exp[— (Tzzxpﬂ}
(5)

Depending on the polymer type the model was simplified to
achieve higher numerical stability as will be described in the Re-
sults and Discussion section. The temperature-dependent fraction
of rigid protons x(7) was defined as x(7)=[Aapd(T) + Ac(T)]/
[Aab(T) + Ag(T) + Awn(T) + Aexp(T)] (please be aware of the
different notations for the rigid fraction x(7) and the degree of
crystallinity X.). The expected temperature-dependence of x(T) for
an amorphous and a semi-crystalline polymer is shown schemat-
ically in Fig. 3. Above T, one expects a softening phase, leading to a
highly mobile material that has sufficient motion to pre-average
dipolar coupling for an amorphous polymer at ~ Ty + 50 K accord-
ing to the Williams-Landel-Ferry (WLF) model of motional activa-
tion energies (motions with 0.1/s at T are accelerated to ~107/s at
Ty + 50 K). For semi-crystalline polymers, rigidity is retained in the
crystalline domains above Ty, so that x(T) becomes a measure of the
crystallinity X, in the plateau region preceding melting (Fig. 3).
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Fig. 3. Scheme illustrating the temperature-dependence of the rigid fraction x(T) for
an amorphous and a semi-crystalline polymer. The plateau for which y(T) = X. is

assumed to occur around ~ Ty + 100 K and ends when melting of the polymeric crystals
sets in.

2.4. Monitoring of polymer crystallization

Besides measuring the crystallinity of solid samples, monitoring
the buildup of crystallinity X (fexp) from an isotropic melt provides
information on crystallization kinetics, which are strongly affected
by the chain structure, additives, and processing conditions. So-
phisticated decay decomposition tends to be numerically unstable
for such a phase transition, and is generally not applicable to
magnets of low By homogeneity. The use of a CPMG multi echo
sequence (after Carr, Purcell, Meiboom, and Gill) [72,73] is a robust
alternative to distinguish between crystalline and amorphous
protons. The idea behind this approach proposed by Maus et al. [56]
is that only protons of high mobility are captured by the CPMG
sequence and these protons can be identified as being amorphous
because of the 180° pulse refocusing properties and the chosen
duration of relaxation before the first 180° CPMG pulse (Tinita1)-

Characteristic decays for a super-cooled i-PP melt and after
complete isothermal crystallization are given in Fig. 4. To determine
evolving crystallinities X (texp), two approaches are possible where
these methods correspond to the indirect and direct methods for
the SFC determination of fats [44,45]. We refrain from a sophisti-
cated decay decomposition as the method should be applicable to
any magnet independent of By homogeneity.

Direct method. For every point in the experimental/crystalliza-
tion time (texp), CPMG intensities Icpmc(texp) are back-extrapolated

CPMG
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Fig. 4. (a) 'H NMR pulse sequence proposed by Maus et al. [56] based on a mixed
magic sandwich echo (MSE) to refocus the signal of a strongly homonuclear dipolar
coupled spin system, and a CPMG sequence to selectively detect mobile protons. (b)
MSE (open squares) and CPMG data (open circles) for a super-cooled i-PP melt
(texp=0h) and at the end of isothermal crystallization (texp = 1h). Either a direct or

indirect data processing approach similar to the SFC determination of fats [44,45] can
be chosen to study the buildup in crystallinity X (texp).
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to tnmr = 0 ms and compared with the total intensity Iiotal(texp) at
tnmr = 0 ms of all protons as captured by the mixed magic sand-
wich echo:

C x Icpmg (texp)

(6.1)
Tyotal (texp)

Xc,direct (texp) =

This approach is applicable for both iso- and non-isothermal
protocols because the overall change in signal intensity during
crystallization is directly detected (e.g., change in temperature,
slight detuning of the NMR probe, drift of the magnet, etc.). How-
ever, the echo sequences employed to capture all protons (I;oa)) are
prone to errors if motions within the solid are on the time scale of
the refocusing pulses blocks such as chain flips in polyethylene
[74—76]. As by definition the degree of crystallinity Xc girect(texp) has
to be zero for the super-cooled melt at fexp =0 min, a correction
factor C = Itotal(texp = 0 min)/Icpmc(texp = 0 min) is needed where
this factor depends on the By homogeneity, MSE performance, and
fitting uncertainties.

Indirect method. In contrast to the direct method, CPMG in-
tensities Icpmc(texp) are back-extrapolated to tynvyr=0ms and
compared with the back-extrapolated CPMG intensity at
texp = 0 min at which the sample was in a super-cooled melt state at
Teryst:

I CPMG (texp )

— 0 6.2
Icpmc (texp = 0) (6.2)

XcAindirect (tEXP) =1-

The indirect approach is applicable to isothermal protocols and
to polymers with a significant crystal mobility (e.g., HDPE, LDPE,
PEO) because it only relies on the decreasing CPMG intensities. It
can be used to analyze and compare data acquired on various
magnet types as the CPMG sequence is more robust against gra-
dients in By than the magic sandwich echo sequence [77]. Fitting
uncertainties, systematic fitting errors, and changes in the NMR
sensitivity can be accounted for by introducing a correction term to
Equation (6.2). However, since the main goal of isothermal crys-
tallization experiments is to obtain information on the crystalliza-
tion kinetics, the analysis is usually performed on relative
crystallinities X. nmr/XSvr and their volume-related counterparts
B NMR/PEwmr» Which does not require a correction or calibration
(similar to isothermal DSC experiments as shown in the Results and
Discussion Section).

The direct and indirect methods require the careful selection of
pulse timings for the CPMG sequence and a delay between the MSE
and CPMG segments to achieve high fit stability and an accurate
determination of the amorphous fraction. The echo timing is
desired to be as short as possible in order to provide a sufficiently
large number of data points and is mainly limited by the acquisition
time, the probe dead time, and the 180° pulse length. The lowest
possible values for rcpyg are on the order of 20—30 ps for com-
mercial solid state low-field probes. To quantitatively detect all
mobile protons with the CPMG sequence, we propose the use of a
short MSE recording interval (Tipjta; = 25 ps) during which only the
signal that originates from rigid protons is decaying. This ensures
that protons with intermediate mobility are captured as a fast
decaying component in the CPMG part.

3. Experimental
3.1. Materials
Molecular weights, polydispersities, glass transitions tempera-

tures, peak melting temperatures, and crystallinities for all poly-
mers as determined by DSC and XRD are given in Table 1. The

samples contained standard anti-oxidants, but no nucleating
agents. Polyamide 6 (PA-6) and polyethylene terephthalate (PET)
were dried at 70°C under vacuum for 7 days to remove residual
moisture. Tacticity of both polypropylenes was determined by 3C
NMR to be ~94% mmmm. Sample i-PP-2 contained ~1 mol% of 2,1-
erythro regio defects leading to vy-form crystallization and a
higher nucleation density than for i-PP-1, which crystallized in the
a-form.

3.2. NMR equipment and experimental details

All 'TH NMR experiments were performed on a Bruker “the
minispec” mq20 (Bruker BioSpin GmbH, Rheinstetten, Germany)
with By = 0.5 Tat 39.5°C (w/27 = 20 MHz for 'H) and a ~4 ms FID
for a silicone oil. The sample temperature was controlled by a
Bruker Variable Temperature (BVT) unit operated with pressurized
air and a flow rate of 1200 1/h. The NMR probe characteristics were:
dead time ~10 ps, pulses 2.6 ps (pgo), 5.1 us(p1go) for 0 dB pulse
attenuation, and bandwidth ~500 kHz FWHM.

For the temperature-dependent experiments, mixed magic
sandwich echo (MSE) decays of 100 us were recorded with
TMSE =4T¢ + 4.5pgo/2=15 ps where 74 =2.2ps(optimized for
maximum signal intensity and phase coherence). All data were
accumulated (16 scans) with a 3.5 s recycle delay and phase cycling:
¢ = XXXX, ¢ = yyyy7 ¢3 = XXXX, ¢g4 = yyyY7 Prec = XXxX. On-
resonance was ensured for all experiments and the phase was
adjusted using a zero order phase correction. Only the real part was
selected for analysis of the decay decomposition. In all crystalliza-
tion experiments, a combination of a MSE decay (7ipitial = 25 ps) and
a succeeding CPMG echo train (7cpmc = 25 ps) with phase cycling
was employed. Details on the MSE pulse sequence can be found in
the works by Takegoshi et al. [54], Demco et al. [55], and Maus et al.
[56]. Approximately 20—30 polymer pellets (in total ~1 cm?®) were
put into 10 mm borosilicate glass NMR tubes, which were purged a
couple of times with Argon, evacuated, and finally sealed to reduce
convection and oxidative degradation.

3.3. Further characterization techniques

High-temperature gel permeation chromatography (HT-GPC) at
145 °C was done using trichlorobenzene as the eluent for i-PP,
HDPE, and LDPE. Standard GPC at room temperature was per-
formed using respective calibration standards for t-PI and PS in
tetrahydrofuran, and for PET and PA-6 in hexafluoroisopropanol.
Isothermal and non-isothermal differential scanning calorimetry
(DSC) were performed on a Mettler DSC30 with a TC15 temperature
controller and a liquid nitrogen cooling unit (Mettler-Toledo GmbH,
Giefen, Germany). The temperature profile for isothermal crystal-
lization experiments was: RT to Tisomelt at 10 K/min, hold at Tisomelt
for 12 min, Tisomelt t0 Teryst at —60 K/min, hold at Tys for 2—3 h
where Tisomelr Was set to +40 K above the peak maximum tem-
perature of the respective DSC melting endotherms and T¢yyse was
chosen to yield complete crystallization within the given time in-
terval of 2—3 h. X-ray diffraction (XRD) experiments were carried
out on a Bruker D8 Discover (Bruker AXS GmbH, Karlsruhe, Ger-
many) with a Cu X-ray tube (40 kV, 40 mA), Gobel mirror, an Anton
Paar HTK1200 N heating chamber (Anton Paar, Graz, Austria), a
0.2 mm Soller slit, and a LYNXEYE XE detector (0D mode). Prior to
all experiments, the z-position of the sample was scanned and
adjusted for the respective sample dimensions. The diffractograms
were acquired by continuous scanning between 26 = 5—34° first at
30 °C, then at elevated temperatures of +40 K above the peak
maximum melting temperature observed in non-isothermal DSC
experiments, and finally again at 30 °C after cooling from the melt
at approximately —10 K/min. The heating chamber was evacuated
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Table 1
Molecular weights, polydispersities (GPC), glass transition temperatures (lit.) [1,2], peak melting temperatures (DSC), and crystallinities (DSC/XRD) for all polymers
investigated.
Polymer Supplier M,, [kDa] Py [-] Tg [°C] T [°C] neat T [°C] def. Xe,psc* neat Xe,psc* def. Xckrp neat Xokrp def.
HDPE LyondellBasell 182 11 —-120 135 134 0.61 0.65 0.52 0.63
LDPE LyondellBasell 135 11 -120 112 111 0.43 0.45 0.45 0.45
i-PP-1 Repsol 246 2.7 -10 168 165 0.44 0.54 0.45 0.54
i-PP-2 LyondellBasell 202 19 -10 161 158 0.44 0.48 0.49 0.48
PA-6 BASF 61.8 2.1 +40 226 222 0.62 ()t (0.58) (-)t
PET Invista 50.2 2.0 +70 261 259 0.36 0.49 0.40 0.47
t-PI Sigma Aldrich 129 4.6 —-60 65 63 0.33 0.30 0.37 0.39
PS Sigma Aldrich 209 19 +105 N/A N/A N/A N/A N/A N/A

(*) Heats of fusion AH, were determined by integration of DSC melting endotherms (avg. of 3 runs, 10 K/min heating rate) for neat pellets and upon defined cooling at —10 K/
min from the melt (“def.”). Respective crystallinities X.psc were obtained by a comparison with theoretical values for AHy(X.= 1) [1]. (1) Degradation was observed after
heating up to 300 °C. (i) XRD diffractograms were recorded for ~5—10 pellets first at 30 °C, then at elevated temperatures (fully molten), and finally at 30 °C after defined
cooling at —10 K/min from the melt (“def.”). The integrated diffractograms were compared to obtain the respective crystallinities X xrp. See the Results and Discussion Section

and Supporting Information for plots and additional information.

to reduce X-ray background scattering and polymer degradation.
XRD data processing was performed using Bruker DIFFRAC. EVA
(Bruker AXS GmbH, Karlsruhe, Germany).

4. Results and discussion
4.1. Crystallinity of solid samples

Mixed magic sandwich echoes (MSE) were recorded for all

HDPE -115°C < T < 165°C

samples over a large temperature interval to study the transition
from a fully rigid state below T, to a state of increased softness
above Tg, and finally to a highly mobile melt state (Fig. 5). All
datasets were normalized to the MSE maximum in order to remove
the effect of inherently different intensities based on the Boltzmann
population of spin states. The polymers investigated in this study
contain different functional groups, e.g., methylene, methyl, or
phenylene units. Hence, in the static case of dipolar coupling,
multiple proton-proton dipolar couplings are present and

i-PP-1 -45°C < T <195°C
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Fig. 5. Temperature-dependent normalized mixed magic sandwich echo (MSE) decays for different polymers. Strong static coupling was observed for HDPE and LDPE, whereas for
i-PP, PA-6, and t-PI there was only a plateau-like decay in the region of 20—50 s detected even below Tg. PS and PET showed a Gaussian decay without an oscillation. The black lines
represent the fitted model and describe the curves well over the large temperature range (Equation (5), 6 =30 kHz, Toap,: free parameter with values of ~20—30 s, Tog: free
parameter with values of ~30—50 ps, Tos: free parameter with values of ~30—50 ps, n = 1.5, Toexp: free parameter with values of ~50—500 ps).
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consequently different patterns were observed at temperatures
below and close to Tg. All polymers shared the feature that they
show rapid decays to zero within ~50 ps after the creation of the
mixed magic sandwich echo at the lowest measured temperatures,
which is a consequence of the high rigidity and absence of strong
segmental motion below T;. A pronounced oscillation between 20
and 50 ps was observed for the polyethylenes (HDPE, LDPE) and
this was likely provoked by dominating Pake-type interactions
between coupled methylene protons. The data for all other poly-
mers displayed less distinct oscillations and almost monotonically
decaying curves, which were a result of the less defined dipolar
network and an effective summation of multiple coupling terms.
With increasing temperature, a slowly decaying component
appeared that originated from the increasing mobility in the
amorphous and interfacial regions due to segmental motion. The
strong oscillation at low temperatures over the time interval of
20—50 ps transformed into a plateau-like behavior with increasing
temperature. For all polymers, the Gaussian-type initial decay
vanished gradually with increasing temperature. For the amor-
phous polystyrene (PS), a step-wise change from Gaussian to
exponential behavior was observed with intermediate motional
decay shapes originating from increased segmental motion and
dynamic heterogeneities. Ultimately, at temperatures above the
nominal melting points, an almost straight line was observed on
the time scale of a few tens of ps, which reflected the T, relaxation
dominated by the By homogeneity.

The MSE decays were analyzed by applying a combined model
(Equation (5)) to the initial 100 pus after the creation of the mixed
magic sandwich echo to extract information on the fractions of
rigid, intermediately mobile, and mobile protons (black lines in
Fig. 5). Compared to the spectral line fitting at high fields using
phenomenological Gaussian or Lorentzian functions, this approach
was found to be more precise. As all polymers contain methylene
groups, a dedicated Abragamian with ¢ = 30 kHz and T>ap, as a free
parameter (~30—50 us) was chosen to account for the strong os-
cillations and plateau-like behavior observed in the data. With its
simple repeat unit consisting only of methylene protons and a
regular zig-zag conformation in a polymer crystal, polyethylene
presents a special case that does not require the additional
Gaussian component to achieve an accurate representation of the
data (= A(G)WE). Due to the higher structural complexity of the
other polymers and the associated multiple couplings, an addi-
tional Gaussian component was necessary to numerically describe
the relaxation behavior sufficiently well for i-PP, PA-6, PET, t-PI, and
PS. During the analysis it was found that the Weibullian component
could be set to zero for these polymers while still providing a good
representation of the data and with the benefit of less free pa-
rameters (= AG(W)E). This somewhat arbitrary decision marks a
limit of the analysis: for polymers with a more complex repeat unit
than polyethylene, the domains of intermediately mobile and rigid
protons as indicated in Fig. 2 cannot be clearly separated by the
selection of one or two dedicated Abragamians and a Weibullian.
Therefore the reduction to a simplified two-phase model
(rigid + mobile) was necessary to achieve high numerical fit
stability.

In Fig. 6, the temperature dependence of the rigid proton frac-
tion x(T) is shown for all polymers. Below Ty the curves exhibit a
plateau (x(T) = 1) that ends shortly above Ty when increased mo-
lecular motion led to a softening of the amorphous part of the
material. For the amorphous PS sample, a single softening phase
was observed as x(T) effectively decayed to zero for T = Tg + 50 K,
which agreed with the expected WLF activation behavior of mo-
lecular motion in amorphous polymers. Depending on the specific
type of semi-crystalline polymer, the initial softening phase
extended until T = Tz 4+ 100 K where another plateau was observed

12 -0~ HDPE* ->-i-PP1t A PA6t -0~ tPIf |
-0-LDPE* ~<i-PP-2t -7~ PETt —O-PSt
1.0 M e P ") AGWE T
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Fig. 6. Temperature-dependence of x(T) for different semi-crystalline polymers and
amorphous polystyrene. At T = Ty + 100 K, a plateau-like behavior was observed for all
semi-crystalline polymers defining the temperature interval over which there is suf-
ficient mobility contrast between the amorphous and crystalline protons to determine
Xcnwmr using the chosen decomposition approach. Melting set in at relatively low T — T,
values for t-PI, i-PP-2, and LDPE and y(T) decreased soon after reaching the short
plateau around T = T; + 100 K for these polymers.

thereby marking the region over which the mobility contrast be-
tween crystalline and amorphous protons is sufficient for a deter-
mination of X. using the applied MSE decomposition method.
Notably, the temperature that was required to reach a plateau for all
semi-crystalline polymers in Fig. 6 did not exactly coincide with the
mobile plateau x(T) = 0 for the purely amorphous polystyrene (PS),
which suggests that some rigidity is retained, i.e., through linkages
of amorphous chains to crystalline domains or additional local
physical constraints that shifted the activation barrier of the un-
derlying motions to higher values and therefore higher tempera-
tures. Presumably, this effect is closely related to a boundary layer
of immobilized chain segments at the surface of lamellar crystals
(rigid amorphous fraction of intermediate mobility). With a further
increase in temperature, melting started and led to a value of
x(T) =0 when the samples were fully molten. Since the samples
investigated here were neat pellets in a non-equilibrium state, it is
very likely that there were many small crystallites and thin lamellae
present in the samples which caused melting at comparably low
temperatures (see Supporting Information for DSC heating traces).
For all polymers except of t-PI, the onset of melting occurred after
the plateau at T = T, + 100 K was reached. Melting of the neat t-PI
sample set in around Tg + 100 K, which was in accordance with DSC.
The mixed magic sandwich echo sequence used in the experiments
here performed better than a simple solid echo to quantify the total
proton amount. However, it was still not able to perfectly refocus all
magnetization possibly due to gradients in By and the resulting
distribution of pulse lengths (10% signal reduction compared to a
FID). Furthermore, for temperatures at which motional modes have
a comparable time scale to the refocusing block duration, the magic
sandwich echo intensity decreased significantly (for ~ T + 50 K for
segmental motion of amorphous chains and ~Tg + 200 K for helical
flips of crystalline chains). However, at this stage there was no
alternative to the mixed magic sandwich echo, and the overall
trends agreed with solid-state NMR experiments carried out at high
field. The values of x(T) at T= T + 100 K were chosen as a measure
of crystallinity X.nmr for further interpretation. A relative error of
+10% was estimated, mainly given by fitting uncertainties over the
time interval of 20—50 ps and assuming a certain ambiguity in the
assignment of crystalline vs. amorphous protons that had an in-
termediate mobility.

In the following discussion, crystallinities X. determined by
NMR are compared with DSC and XRD results. DSC heating traces
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of “as received” pellets (10 K/min heating rate) were integrated
and compared with literature values for theoretically 100% crys-
talline samples [1]. An example of such a melting endotherm is
given for i-PP-1 in Fig. 7a (see Supporting Information for addi-
tional data). An average of three samples was determined with a
relative error of approximately +10%, which was potentially
caused by different cooling conditions for each pellet during
processing and the inherent experimental error. Main sources of
uncertainty in DSC are the selection of integration limits, setting of
the baseline, and the literature values for theoretically 100%
crystalline samples.

XRD diffractograms were recorded for “as received” pellets at
room temperature and at a temperature above the nominal melting
point to obtain information on the amorphous halo shape. The
amorphous halo was adjusted in the vertical and horizontal di-
rections to match the minima of the measured diffractograms at
room temperature. Fig. 7b shows the results for i-PP-1 with the
black line representing the shifted amorphous halo. A comparison
of the integrals yielded the XRD crystallinity. This method was
found to be more appropriate for semi-crystalline polymers than a
simple Gaussian fit because the amorphous halo is not necessarily
symmetric and its shape depends on the polymer type and appa-
ratus. Generally, the sources of error in the XRD measurements are
the estimation of the amorphous halo, the selection of integration
limits and the baseline, and angle-dependent intensity/angle shifts
when a Bragg-Brentano geometry is used for samples that are not
perfectly flat.

In Fig. 8, a comparison of crystallinity values X. determined by
DSC, XRD, and NMR is shown for all investigated semi-crystalline
polymer types. The obtained values agreed relatively well within
the estimated experimental errors of +10%. As described in the
introduction, each characterization technique measures a
different physical quantity (heat of fusion, unit cell order, bire-
fringence, etc.). Hence, the structural assignment to crystalline,
interfacial, and amorphous domains varied based on the different
length and time scales involved in the measurements. For the
NMR experiments, the selected model and data analysis method
were found to be a good compromise between an accurate
description of the data and high numerical fit stability. At tem-
peratures of T>T;+ 100 K, the mobility difference between
amorphous and crystalline protons was sufficient for a determi-
nation of polymer crystallinity.
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Fig. 8. Comparison of crystallinities X. for different polymers as determined by DSC,
XRD, and NMR. The methods agreed rather well within an estimated relative error of
+10% (indicated in grey), which could be attributed to experimental uncertainties
(temperature control, sensitivity, etc.) as well as to the data analysis (baselines, inte-
gration ranges, data fitting models, etc.). T=Ty+ 100 K was found to be the lowest
suitable temperature for measuring the crystallinity by NMR relaxometry as this was
the lower limit where there was a sufficient mobility difference between the amor-
phous and crystalline protons.

4.2. Monitoring polymer crystallization and crystallization kinetics

The buildup of the degree of crystallinity as a function of time
during polymer crystallization was studied for all polymers listed in
Table 1 except for PET as the temperatures needed for slow crys-
tallization (>230 °C) exceeded the specifications of the NMR probe.
For all other polymers, crystallization temperatures were chosen to
achieve complete crystallization within a 1-2 h time frame. This
constraint resulted in crystallization temperatures far above T for
the polyethylenes (HDPE: T-Ty = 245°C, LDPE: T-Tg = 225°C),
where only a low absolute crystallinity was obtained even for very
long crystallization times (post-crystallization occurred when the
samples were cooled down to room temperature). For the other
polymers, the crystallization temperatures were closer to the
observed plateau in %(T), and higher absolute crystallinities were
consequently achieved. As the main purpose of these crystallization
experiments is to extract information on the kinetics rather than
the absolute crystallinity, a comparison was drawn based on the
time evolution of the relative crystallinities.

In Fig. 93, an isothermal crystallization experiment for i-PP-1 at
Tryst =136°C is shown. The initial MSE decay exhibited the
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Fig. 7. (a) DSC heating trace of i-PP-1 (“as received” pellets) recorded at 10 K/min. Integration of the melting endotherm and comparison with literature values for a theoretically
100% crystalline sample yielded a DSC crystallinity of 44%. (b) XRD diffractogram of i-PP-1 at 30 °C (blue line) and a shifted amorphous halo (black line) recorded at 200°C. A
comparison of the integrals for 7.5° < 26 <30° yielded an XRD crystallinity of 45% (additional data in the Supporting Information). (For interpretation of the references to colour in

this figure legend, the reader is referred to the Web version of this article.)



170 V. Rantzsch et al. / Polymer 145 (2018) 162—173

a) ¥ b
100JiPP-1 T, =136°C ' '
25
" MSE [ cPMIG
S 60-
S,
s
40
1.
204 '
0 : too Bi-exponential model
000 001 002 05 10 15
vy [ms]

b)

0,' XX
QRIS
RRs

Fig. 9. Isothermal crystallization of i-PP-1 at 136 °C as monitored by a MSE-CPMG sequence. (a) Evolution of the decays and bi-exponential fits to the CPMG data (1.75 ms shown;
black lines are back-extrapolations to tyyvr = 0 ms). (b) Waterfall plot of the CPMG decays during crystallization. The CPMG intensity at tyvr = 0 ms displays the expected inverse S-
shape, which was caused by an effective loss of magnetization due to the conversion of amorphous to crystalline protons during crystallization.

formation of a Gaussian decay with progressing crystallization.
Consequently, the CPMG decays were reduced in intensity and
transformed from slow mono-exponential into bi-exponential de-
cays that incorporated relaxation contributions from protons of
high and intermediate mobility. Since in the applied CPMG
sequence the pulse phases were kept constant during the echo
train, partial spin-locking might have led to a Ty, relaxation
contribution. This effect could be reduced by applying phase cycles
such as MLEV-4 or XY-16 if one wants to analyze the full echo train
in terms of the true T» time evolution during crystallization.
However, complex phase cycles are not readily applicable to sys-
tems of low By and B; field homogeneity, which were aimed at in
the work presented here. Furthermore, the intensity ratio between
rigid and amorphous components was found to be independent of
the respective relaxation times. The evolution of CPMG data in
“experimental” and “NMR” time revealed the inverse S-shape for
the decline in CPMG intensity caused by an effective decrease of
mobile protons during crystallization (Fig. 9b). The CPMG data was
modeled with a bi-exponential over the range of 0.05—-10ms to
extract information on the amorphous fraction.

As pointed out in the introduction, NMR crystallization data can
be analyzed in a direct or indirect way that is conceptually similar
to the SFC determination of fat composites [44,45]. Back-
extrapolated CPMG intensities (tyvr=0ms) characterizing the
amorphous fraction can either be compared directly to the MSE
maximum at each point in experimental/crystallization time fep, Or
indirectly to the super-cooled melt signal at texp, = 0 min (Equations
(6.1)—(6.2)). Results of the different data analyses methods for the
crystallization experiment in Fig. 9 are shown in Fig. 10a. The
shapes were very similar and the final plateaus differed only
slightly depending on the data processing method. The observed
scattering of X.(t) was almost identical and was mainly due to the fit
stability. It was found that a short echo time (7cppmg =25 ps) and
short MSE duration (7jpjtia =25 ps) drastically improved the fit
quality as the fast relaxing amorphous component could only be
modeled accurately when a sufficient number of echoes was
recorded during the initial 200 pus? For the polyethylenes the MSE
intensity decreased significantly at the respective crystallization
temperatures, potentially due to 180° chain flips acting on the time
scale of the MSE refocusing blocks [75,76]. The indirect method,
based only on the CPMG part, offered a more robust way to obtain
crystallinities as it is independent of the MSE efficiency. NMR and
DSC results for isothermal crystallization experiments of i-PP-1

carried out at different temperatures are compared in Fig. 10b. Since
isothermal DSC experiments cannot readily be integrated to yield
absolute values, relative crystallinities were compared with respect
to their curve shapes and associated kinetics. The trend of slower
crystallization with increasing crystallization temperature for
Teryst > (T + Tg)/2 was well captured by both techniques. The DSC
data exhibited a slightly more symmetric S-shape, i.e., a later onset
but higher slope at the turning point, which was probably a result of
the smaller sample volume (~20 mm?) and therefore lower tem-
perature gradient relative to NMR (~1 cm® sample volume).

In Fig. 11, isothermal crystallization curves measured at different
temperatures are shown for the investigated polymers. The trend
“higher crystallization temperature leads to slower crystallization”
for Teryse > (19 + Tg)/2 was seen for all polymers. Over the investi-
gated temperature intervals, the results for the polyethylenes
showed the strongest dependency on the crystallization tempera-
ture. The immediate increase in relative crystallinity for the poly-
ethylenes upon reaching the crystallization temperature was
presumably caused by a temperature gradient of ~1 K within the
sample volume of ~1cm? (see Fig. 11 and compare with kinetic
crystallization data obtained by isothermal DSC experiments in the
Supporting Information). A substantial temperature gradient
should show the strongest effect on the kinetics of the high-density
and low-density polyethylene samples, as their growth rates are
highly sensitive to even the smallest crystallization temperature
differences (AT=1°C £ factor of 2 in the growth rate) over the
chosen crystallization temperature intervals of Teryst = 124—126°C
and 102—105°C, respectively. All curves were fitted using a
volume-based Avrami model [78] up to 50% relative crystallinity to
obtain the kinetic rate K and the exponent n:

%@z —exp{ — [K(t —to)]"} (7.1)
c(t) = Pa (7.2)

%era_pc

¢c: volume crystallinity, ¢&°: final volume crystallinity, K: Avrami
rate, n: Avrami exponent, t: time, tp: induction time, X.: mass
crystallinity, p,, pc: density of the fully amorphous and crystalline
materials (lit.) [2].

The curves for the two i-PPs, PA-6, and t-PI were well
described by the Avrami fit over the range of 0 < ¢ /¢ < 0.5. As
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Fig. 10. (a) Comparison of the direct and indirect NMR data analysis methods. The different methods yielded similar values with a final crystallinity of X&g = 57 +2%. (b)
Isothermal crystallizations of i-PP-1 at different temperatures as determined by NMR (indirect data analysis) and the corresponding DSC experiments. The NMR data matches the
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Fig. 11. Isothermal crystallization traces for several different polymers and their crystallization temperatures (indirect data analysis). All curves exhibit the trend “higher crys-
tallization temperature leads to slower crystallization” which is usually observed for Teryse > (T, + Tg)/2. The immediate increase in the relative crystallinity of HDPE and LDPE upon
reaching the crystallization temperature was most certainly caused by a temperature gradient in the sample. All curves were fitted using an Avrami model up to 50% relative

crystallinity to obtain the kinetic rate K and the exponent n.

the Avrami model does not account for growth rate distributions,
it is strictly valid only in the absence of a temperature gradient,
which is experimentally difficult to achieve for the sample vol-
ume of ~1cm?® in the NMR probe we currently use. When
compared to the K and n values obtained from isothermal DSC
experiments, the Avrami rate K measured by NMR showed a high
level of agreement for each polymer (Fig. 12). The Avrami expo-
nent n extracted from DSC experiments deviated somewhat from
the values determined by NMR. The origin of this discrepancy is
presumably the aforementioned temperature gradient of ~1°C
across the sample in the NMR experiments, which led to a dis-
tribution in the growth rate K and therefore an apparently lower
n value (see Supporting Information for the decreasing effect of a
growth rate distribution on the exponent n). By optimizing the
temperature control and NMR probe design, a reduction in the
temperature gradients and a closer match to DSC data is likely to
be achieved.

5. Conclusions

In the present paper, we investigated the applicability of
benchtop 'H NMR relaxometry to obtain information on the bulk
crystallinity and crystallization kinetics of the most commercially
relevant semi-crystalline polymers. Due to lower signal-to-noise
ratios and lower static B homogeneities relative to high field
NMR, a pulse sequence based on a magic sandwich echo (MSE) and
a CPMG echo train was selected and optimized in terms of pulse
timings and acquisition durations to obtain high numerical stability
and robustness. In the first part, we studied the temperature-
dependent relaxation behavior and identified T=Tg;+ 100 K as
the minimum temperature with respect to Tg for which the mobility
contrast between crystalline and amorphous protons is sufficient
for an unambiguous determination of polymer crystallinity using
the chosen decay decomposition approach. More elaborated NMR
techniques such as double quantum (DQ) filtering might allow to
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Fig. 12. Avrami rate K and exponent n for isothermal crystallization experiments of
different polymers measured by DSC (filled symbols) and NMR (open symbols). For
each polymer, the values for the rate K showed a good level of agreement between
NMR and DSC. On the other hand, the obtained values for the exponent n were
somewhat different for DSC and NMR. The origin of this discrepancy is probably the
temperature gradient of ~1 K across the sample in the NMR experiments, which led to
a growth rate distribution and therefore an apparently lower n value (see Supporting
Information for the isothermal DSC data).

differentiate between crystalline and amorphous protons at even
lower temperatures. The obtained bulk crystallinities were
compared to DSC and XRD data, and showed good agreement for all
polymers within an estimated relative error of +10% for the
respective methods.

In the second part, we focused on the determination of crys-
tallization kinetics, i.e.,, monitoring of isothermal crystallization,
which required a robust design of the pulse sequence, precise
temperature calibration, and careful data analysis. We found the
combination of a mixed magic sandwich echo (MSE) with a short
acquisition duration Tipjtia; = 25 us followed by a CPMG echo train
with short pulse timings 7cpmc =25 us to be the most suitable
sequence for crystallization experiments as the inherent refocusing
properties of the 180° pulse quantitatively select the mobile/
amorphous protons. In addition, a CPMG-based approach has the
advantage that it is more versatile because of its applicability to low
Bp homogeneity magnets. Two different methods of data analysis
were evaluated. A direct approach for which every back-
extrapolated CPMG intensity was compared to the MSE
maximum at each point in crystallization time, and an indirect
approach for which the back-extrapolated CPMG intensities were
compared to the initial CPMG intensity of the super-cooled melt.
The indirect data analysis was found to be more robust because it
relies only on the analysis of CPMG data and is independent of the
MSE efficiency. When compared to isothermal DSC experiments, a

quantitative analysis using the Avrami model showed good agree-
ment for the average growth rate K, but deviations in the exponent
n were seen that were presumably caused by the larger tempera-
ture gradients in the current NMR set-up.

Generally, low-field '"H NMR relaxometry is an absolute method
for the determination of polymer crystallinity. However, for poly-
mers such as polyethylene that have a high mobility in the crys-
talline domains, a lower effective crystallinity value might be
obtained that can nonetheless still be calibrated using polymer
standards or crystallinity values obtained by other techniques such
as DSC. In conclusion, benchtop 'H NMR relaxometry was suc-
cessfully employed to obtain information on the bulk crystallinity
and crystallization kinetics of polymers, which opens up the pos-
sibility to use this technique in research labs, quality control, or
processing labs. Compared to DSC, 'H NMR relaxometry is better
suited to the study of slow crystallizations as it does not require
peak integration. Furthermore, the non-destructive nature of 'H
NMR relaxometry allows for the performance of in-situ experi-
ments in combination with applied flow or pressure to achieve
better insight into how these parameters affect polymer crystalli-
zation [28,29].
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